Ultra-fine-grained (UFG) aluminum with a grain size of 260 nm was fabricated by annealing a severely plastically deformed A1100 alloy. The resulting UFG aluminum exhibited a 0.2% proof stress (· 0.2 ) that was four times larger than that predicted by the conventional Hall-Petch relation. In this study, the UFG aluminum, the fine-grained aluminum with a grain size of 960 nm and the coarse-grained aluminum with a grain size of 4.47 µm were prepared. The change in the dislocation density, μ was investigated during tensile deformation using in-situ X-ray diffraction measurements at SPring-8. It was found that as the strain increased, the μ changed in four distinct stages. The first stage was characterized by elastic deformation, and little change in the μ occurred. For the coarse-grained aluminum, this stage was almost absent. In the second stage, the μ rapidly increased until the stress reaches ·II in which the plastic deformation begins to occur at a constant strain rate. In the third stage, only a moderate change in the μ occurred. Finally, in the fourth stage, the μ rapidly decreased as the test pieces underwent fracture. Additionally, it was found that the · 0.2 -· I was followed by the conventional Hall-Petch relation in all grain size range.
Introduction
The development of severe plastic deformation technique, such as accumulative roll-bonding (ARB), 13) high-pressure torsion (HPT), 4) equal channel angular pressing (ECAP), 5) has facilitated fabrication of ultrafine-grained aluminum with average crystal grain sizes of several 100 nm. When the grain size in materials with conventional grain sizes is refined, their strength is known to empirically rise with the inverse square root of the average grain size, in accordance with the HallPetch relation. 6,7) Kamikawa et al. have reported, however, that although the relation between grain size and 0.2% proof stress (· 0.2 ; MPa) in 99.99% pure aluminum alloy with grain sizes of 20 to 405 µm is · 0.2 = 9.7 + 41d ¹1/2 , 8) where d [µm] is the average grain size, further decreases in grain size by severe plastic deformation resulted in substantially larger stress than predicted by this equation. 8) For d = 1 µm, for example, the previous equation predicts a value of · 0.2 = 50.7 MPa, but the actual 0.2% proof stress is approximately 100 MPa, or twice the predicted value. This phenomenon is also observed for IF steel, 9) thus indicating that fine-grained materials sometimes exhibit yield stresses higher than conventionally predicted by the Hall-Petch curve. Lowtemperature annealing of ultrafine-grained aluminum with a grain size of 200 nm fabricated by ARB results in substantially lower ductility and higher strength than those of the as-ARBed material. It has also been reported that when the annealed material is rolled at a low reduction ratio its ductility rises to about the same level as-ARBed material. 10, 11) This phenomenon, known as "hardening by annealing, softening by deformation", is just the reverse to what occurs for materials with conventional grain sizes. These various mechanical phenomena specific to ultrafine-grained aluminum are not exhibited by materials with conventional grain sizes. This suggests that the dislocation behavior leading to deformation in ultrafine-grained aluminum is differs from it in conventional grained aluminum, but the details remain unclear. In the present study, we considered the dislocation behavior and investigated in particular the dislocation multiplication that occurs during tensile deformation, as a means of clarifying how it changes with grain size.
Several methods can be used to evaluate the dislocation density, including electrical resistance measurements, 12) transmission electron microscopy (TEM), 13) and X-ray diffraction (XRD). However, electrical resistance measurements and TEM encounter specific problems. The contribution of dislocations to the electrical resistance is smaller than that of the grain size, 12) which may make it difficult to accurately determine the dislocation density of fine-grained materials, in which the grain boundary density is high. TEM observations require the preparation of thin-film samples, during which the dislocation density can be reduced near the surface, 14) permitting only local measurement of dislocation densities. In addition, surface effects may be induced that change the dislocation source activity and behavior relative to those of the bulk material. In the present study, we therefore applied a method based on XRD, which can provide averaged information within the scattering volume. The method proposed by Williamson et al. for calculation of the dislocation density from the results of XRD measurements 1517) requires accurate measurement of the full width at half maximum (FWHM) for multiple diffraction peaks, and long measurement times are required in order to obtain diffraction profiles with a good S/N ratio for a wide range of diffraction angles. For this purpose, the crosshead movement is suspended midway through during tensile testing and the diffraction profile is measured while maintaining the stroke. 18, 19) In this intermittent measurement procedure, however, stress relaxation occurs while maintaining the stroke, possibly resulting in a lower dislocation density than in continuous tensile deformation, and thus in underestimation. Tomota et al. have reported, for example, that during tensile testing of IF steel which they suspended midway through, a decline in stress of approximately 25 MPa occurred when neutron diffraction testing was performed while the stroke was maintained for 2 ks or 4 ks. 18) For in-situ measurement of the dislocation density during tensile deformation, it is therefore necessary to develop a system that permits diffraction profile measurements throughout a wide range of diffraction angles in a very short time. For this reason, we performed the experiments of the present study using the high brightness X-rays available at the SPring-8 synchrotron radiation facility.
Experimental Procedures
An A1100 alloy of 1 mm thickness was homogenized at 673 K for 7.2 ks and then cooled to room temperature. Table 1 shows the chemical compositions of A1100 alloy. The specimen was then subjected to 8 cycles of ARB at room temperature, thus the specimens of 0.5 mm thickness were obtained. 1) Because the thickness reduction is 50% per cycle by rolling in the ARB process, the total applied equivalent strain was 6.4. The crystal grain size was then adjusted by low-temperature annealing, to obtain three types of materials: (1) materials annealed at 373 K for 1.8 ks, (2) materials subjected to pre-annealing at 448 K for 21.6 ks and then postannealed at 498 K for 1.8 ks; and (3) materials subjected to pre-annealing at 448 K for 21.6 ks and then post-annealed at 573 K for 1.8 ks. The two-step annealing was performed in some materials to suppress abnormal grain growth during the post-annealing using a low-temperature pre-annealing. 8) From the resulting sheet materials, tensile-test specimens were prepared so that the rolling direction (RD) would agree in the tensile direction. The shape of the tensile-test specimens is shown in Fig. 1 .
Normal direction-transverse direction (ND-TD) cross sections of the specimens were mechanically mirror polished using SiC polishing paper, chemical-mechanical polishing using colloidal silica, and then subjected to electron beam backscatter diffraction (EBSD) measurements at an acceleration voltage of 15 kV, in an oriented imaging microscopy (OIM) system provided by TSL, and equipped on a JSM-6500F scanning electron microscope provided by JEOL Ltd. The ND spacing of high-angle grain boundaries was then measured, thus this spacing was considered to be a grain size.
In-situ measurement for changes in dislocation density during tensile deformation requires diffraction profile changes over a wide range of diffraction angles in a short time. We utilized the high-brightness X-ray BL-19B2 beam line of the SPring-8 synchrotron radiation facility for this study, with the measurement system shown schematically in Fig. 2 . The X-ray energy was 25 keV, and the beam size was 3 mm along the test specimen width direction and 110 µm in the tensile direction. An imaging plate (IP) was used as the detector, to allow simultaneous measurement at a wide range of diffraction angles with high angular resolution. As an IP does not provide time resolution, a slit with a width of 4 mm was placed in front of the IP, and from the start of the tensile test the IP was moved at 2 mm/s perpendicularly to the slit to obtain a record of the diffraction profiles at different times at different positions on the IP. The time resolution of this experiment was accordingly 2 s, and the maximum measurement time as determined by the IP width was 80 s. The incident X-rays were perpendicular to the tensile-test specimen and the IP was tilted 14.7°upward from the horizontal transmission direction, with a distance of 716.6 mm from the specimen to the IP, thus enabling simultaneous measurement of diffraction peaks associated with (111), (200), (220), (311), and (222) planes. Profile fitting of the obtained diffraction peaks was performed using the pseudo-Voigt function, and the FWHM was obtained. The tensile test was performed with an initial strain rate of 8.3 © 10 ¹4 s ¹1 at room temperature. The area of necking or fracture in a specimen was not irradiated with X-rays, and the measurement results are not for regions near fractures.
Results
Figures 3(a), (b) and (c) show ND-RD cross-sectional grain boundary maps of specimens with grain size adjusted under different annealing conditions. The specimen in Fig. 3 (a) was annealed at 448 K for 21.6 ks and then 573 K for 1.8 ks. Its crystal grains are almost equiaxed, and the measurements showed an average high-angle grain boundary spacing of 4.47 µm in the ND. Such specimens are hereafter denoted to as the coarse-grained (CG) material. The specimen in Fig. 3 (b) was annealed at 448 K for 21.6 ks and then 498 K for 1.8 ks. Its grains are somewhat more equiaxed than those of the specimen shown in Fig. 3 (c). In this specimen, grain growth had occurred. The measurements showed an average ND spacing of 960 nm between high-angle grain boundaries. Such specimens are hereafter referred to as the fine-grained (FG) material. The specimen shown in Fig. 3 (c) was annealed at 373 K for 1.8 ks. Many of its grains exhibit RD elongation, and it contains rather few observable low-angle grain boundaries within its grains. The measurements showed an average ND spacing of 260 nm between high-angle grain boundaries. This value was taken as the grain size, and such specimens are hereafter denoted to as the ultrafine-grained (UFG) material. Figure 4 shows the stress-strain curves obtained by in-situ XRD measurements. The strain was calculated from changes in strokes of tensile tester, and therefore includes deformation of the tensile tester. The UFG material exhibited a continuous yield. Its 0.2% proof stress (· 0.2 ) at a strain of ¾ 0.2 = 1.22% was 302 MPa. When work hardened to a strain of 3%, it reached a tensile strength of 373 MPa and thereafter exhibited a gradual decline in stress accompanying local deformation, and fractured at a strain of 4.9%. The FG material exhibited a 0.2% proof stress of · 0.2 = 205 MPa at ¾ 0.2 = 0.98%, immediately followed by its indication of a maximum strength of 207 MPa, and thereafter exhibited a sharp decline in stress by approximately 10 Pa. Its strength at a strain of 1.16% was 193 MPa. As an fcc metal, aluminum usually exhibits a continuous yield, but discontinuous yields reported to occur in cases where its grains have been refined. 8) The FG material subsequently exhibited a gradual decline in stress accompanying local deformation, and fractured at a strain of 2.3%. Despite the annealing further progressed and the grains became coarser, its ductility declined. The CG material exhibited a continuous yield, but the slope in the linear strain region from 0% to 0.8% was smaller than that for the UFG and FG materials. With this linear region taken as a region of elastic deformation, the 0.2% proof stress was · 0.2 = 78 MPa. If calculated on the basis of the same slope observed for the elastic regions of the UFG and FG materials, the 0.2% proof stress would then be · 0.2 = 28 MPa at ¾ 0.2 = 0.31%. Above a strain of 0.8%, the CG material exhibited moderately increasing strength with rising strain. Because of its high plastic elongation, it did not fracture during the in-situ XRD measurements. Figure 5 shows the effect of strain on the (111) diffraction peak for the UFG material. The shape of the diffraction peak at a strain of 0.66% was largely unchanged from that of the non-loaded state, but the peak angle shifted downward. This downward shift of the peak angle represents an increase in the (111) plane spacing in the tensile direction as a result of elastic deformation.
At a strain of 1.49%, the elastic deformation resulted in a further downward shift in the peak position beyond that at a strain of 0.66%, and an increase in diffraction peak width. An increase in the strain to 2.49% resulted in a further increase in the peak width but little or no change in the angle. The increase in the peak width may be caused by a heterogeneous increase in strain or by a decrease in crystallite size, either or both of which might have occurred in the progress of the plastic deformation. The effects of heterogeneous strain and crystallite size on the peak width can be distinguished by applying the Williamson-Hall equation
where ¦2ª is the FWHM of the diffraction peak, ª is the diffraction angle, is the wavelength of the incident X-ray, ¾ is the heterogeneous strain, and D is the crystallite size. By measuring ª and ¦2ª for the diffraction peaks and taking 2 sin ª/ as the horizontal axis and ¦2ª cos ª/ as the vertical axis, it is possible to determine the heterogeneous strain from the slope and the crystallite size from the inverse of the vertical-axis intercept. Figure 6 shows a Williamson-Hall plot for the UFG material, with all of the points on their respective straight lines in close accordance with the Williamson-Hall equation. The plots for the UFG material in the unloaded state and at strain of 0.66% show little or no change in both slope and intercept, and also little or no change in heterogeneous strain and crystallite size. With further increases in strain to 1.49% and 2.49%, the slope of the plot gradually increased, indicating increasing heterogeneous strain, and the intercept also increased slightly, indicating a slight decline in crystallite size due to the increase in strain. Based on the heterogeneous strain and crystallite size indicated by this Williamson-Hall plot, the dislocation density μ can be calculated using 17) μ
where b is the magnitude of the Burgers vector. Figure 7 shows the change in the dislocation density of the UFG material during tensile deformation, as determined by the in-situ XRD measurement. The change comprises four stages, labeled Region I to Region IV in the figure. In Region I, extending from strains of 0% to 0.75%, the dislocation density showed little or no change following the start of tensile deformation. This is a region of elastic deformation alone, as indicated in Fig. 5 by the downward shift in the diffraction angle, but with little or no change in shape of the diffraction peak between strains of 0% and 0.66%. Plastic deformation arose in the transition from Region I to Region II around the onset of sharply rising dislocation density, as is also indicated by the smaller slope of the stress-strain curve in Region II than in Region I. Denoting the stress, strain, and dislocation density at the time of transition from Region I to Region II as · I , ¾ I , and μ I , respectively, their values were approximately · I = 220 MPa, ¾ I = 0.75%, and μ I = 0.61 © 10 14 m ¹2 . The stress · I was 82 MPa smaller than the · 0.2 proof stress, dislocation multiplication began at a substantially lower stress than the 0.2% proof stress, and the dislocation density rose to μ 0.2 = 1.20 © 10 14 m ¹2 at the strain of the 0.2% proof stress. The dislocation density thereafter rose monotonically to a level near a strain of 2.16%. On reaching Region III, the dislocation density became essentially constant. Denoting the stress, strain, and dislocation density at the time of transition from Region II to Region III as · II , ¾ II , and μ II , respectively, their values were approximately · II = 361 MPa, ¾ II = 2.16%, and μ II = 2.2 © 10 14 m ¹2 . In Region IV, in which the strain was in excess of 4.65%, the dislocation density fell sharply. This agrees with the strain at the onset of fracturing in the test specimen, which indicates that the decline in dislocation density in Region IV is attributed to a reduction in stress accompanying fracture. The dislocation density decrease was 0.6 © 10 14 m ¹2 . Figure 8 shows the change in the dislocation density in the FG material during tensile deformation, as determined by in-situ XRD measurement. As in the UFG material, the dislocation density changed in four stages, labeled Region I to Region IV. The dislocation density showed little or no change following tensile test initiation in Region I but began to rise when the strain ¾ I exceeded 0.60%, marking the transition to Region II, in which the slope of the stress-strain curve became smaller than in Region I. The stress and the dislocation density at a strain ¾ I = 0.60% were · I = 153 MPa and μ I = 0.28 © 10 14 m
¹2
, respectively. As was the case with the UFG material, the FG material stress · I was lower than the 0.2% proof stress · 0.2 = 205 MPa and the onset of dislocation multiplication occurred at a stress lower than the 0.2% proof stress. The dislocation density was approximately μ 0.2 = 0.6 © 10 14 m ¹2 at the 0.2% proof stress and increased until the strain reached approximately 1.16%. In Region II, a decline in stress of approximately 10 MPa was observed in the stress-strain curve, but the cause could not be clearly determined given the time resolution and measurement accuracy of the in-situ measurements in the present study. The decline in stress was not attributed to the onset of mobile dislocation multiplication, as it occurred at a level of stress higher than · I . The boundary between Region II and Region III is not definitive, but if the boundary is taken to be located at ¾ II = 1.16%, the corresponding stress and dislocation densities are then · II = 194 MPa and μ II = 0.79 © 10 14 m ¹2 . Little or no change in dislocation density was observed in Region III until the strain reached approximately 2.3%, which marks the onset of test specimen fracture and entry to Region IV, a region in which the dislocation density substantially fell by approximately 0.3 © 10 14 m ¹2 , or about half the corresponding fall observed for the UFG material. This indicates the annihilation during unloading of some dislocations that had formed by multiplication under deformation, more often for fine grain sizes. Since the dislocation density decreases during stress relaxation, it also means that the dislocation densities for pure fine-grained aluminum under deformation are underestimated in TEM measurements after loading and unloading, and also by measurements of the diffraction profiles with suspended cross-head movement in tensile testing. It is also possible that the dislocation substructure itself after unloading differs from the substructure under deformation. The mechanism of the dislocation annihilation was not clearly determined in the present study, but in view of the high crystal grain-boundary densities in the UFG and FG materials, it may be that the deformation accompanying the unloading induces movement of the dislocations to the grain boundaries, which act as a sink for their annihilation. Figure 9 shows the changes in the dislocation density of the CG material during tensile deformation, as measured by in-situ XRD. In the CG material, at a strain of 0.166%, which was the first measurement point following tensile test initiation, the dislocation density started rising with no observable presence of Region I. The stress at a strain of 0.166% was 14 MPa, which indicates that in the CG material the stress · I at which dislocation multiplication begins is less than 14 MPa. In Region II, the rise in dislocation density with increasing strain is approximately linear and the dislocation density at a strain of 0% falls on the resulting straight line. This indicates that the stress · I , marking the onset of dislocation multiplication, is quite small and very close to 0 MPa. We accordingly find · I = 0 MPa, ¾ I = 0%, and μ I = 0.10 © 10 14 m
. The dislocation density then rises substantially up to a strain of 0.83%, which indicates that the stress and strain are linearly related in the region in which the strain is less than or equal to 0.83%, but because it is not a region of elastic deformation characteristic of Region I, but rather a region of plastic deformation characteristic of Region II, the slope in this Region II of the stress-strain curve of the CG material is smaller than those found in the region of elastic deformation for the UFG and FG materials. Accordingly, we conclude on the basis of the slope of the stress-strain curves for the UFG and FG materials in Region I that the 0.2% proof stress of the CG material is · 0.2 = 28 MPa, and that ¾ 0.2 = 0.31% and μ 0.2 = 0.18 © 10 14 m ¹2 . Beyond a strain of 0.83%, the increase rate in dislocation density in the CG material is more moderate than in its Region II, which indicates this region may be identified as Region III. The boundary between Region II and Region III is taken as being located at ¾ II = 0.83%, and the stress and dislocation density at that time are then · II = 70 MPa and μ II = 0.26 © 10 14 m ¹2 , respectively.
Discussion
The in-situ XRD measurements clearly indicated that changes in dislocation density during tensile deformation proceed in four stages, represented as Region I to Region IV. Region I is characterized by elastic deformation with little or no change in dislocation density, Region II by sharply increased dislocation multiplication, Region III by moderate dislocation multiplication, and Region IV by a sharp fall in dislocation density due to unloading accompanying fracture.
In considering the factors determining the transition through these four regions, let us begin with the transition from Region II to Region III. Region II is a stage of rapidly multiplying dislocations that proceeds until the dislocation density reaches μ II , which marks the transition to Region III. As shown by the relation between μ II and grain size in Fig. 10 , μ II varies roughly in proportion to the inverse of the grain size. In Region II and Region III, plastic deformation proceeds and the shear deformation rate d£/dt may be expressed as 20) 
where v is the mean speed of dislocation movement, μ is the dislocation density, and b is the length of Burgers vector. In constant-speed tensile testing such as the measurements of the present study, d£/dt is constant. In the initial period of plastic deformation, the dislocation density is low, and in order to maintain a constant shear deformation rate after the transition from elastic deformation to plastic deformation it is necessary to increase the dislocation density or the speed of dislocation movement. Grain boundaries inhibit dislocation movement. If the grain size is taken as the approximate maximum distance of ready movement by the dislocations, then a decrease in grain size should also shorten the moving distance of ready movement by the dislocation. 21) The average speed of dislocation movement is presumably lower than that of uninhibited dislocation movement because the time spent moving within the grains becomes shorter and the time of immobilization near the grain boundaries becomes longer. It follows that the maintenance of a constant speed of deformation requires a larger increase in dislocation density in the FG or UFG materials than in the CG materials. Here, let us assume as a rough approximation that the dislocations move sufficiently fast within the grains but stop moving near the grain boundaries. The average speed of dislocation movement v is then determined by the density of the movement-inhibiting grain boundaries, and is thus proportional to the crystal grain size. It is for this reason that the dislocation density required for constant-speed plastic deformation is inversely proportional to the crystal grain size. In short, the sharp rise in dislocation density observed in Region II presumably occurred to meet the need to attain the dislocation density μ II necessary for a constant-speed plastic deformation. This also explains the larger increase in dislocation density in Region II for the UFG material than for the FG and CG materials to prevent a decline in the slope of the stress-strain curve much below that of the plasticdeformation region, and the occurrence of a 0.2% proof stress · 0.2 that was substantially higher than the stress · I at which dislocation multiplication actually began. ) reported for 99% coarse-grained pure aluminum, 22) together with its extrapolation to smaller grain sizes. The value of the stress · 0.2 for the CG material, with its grain size of 4.47 µm, agrees the value given by the coarsegrain Hall-Petch relation, but those for the FG and UFG materials are well above the extension of the coarse-grain Hall-Petch relation.
As revealed by the in-situ XRD measurements and described above, · 0.2 occurs in a part of Region II in which the dislocation density rises to μ II required for constant-speed plastic deformation, and where the dislocation density for the UFG and FG materials in particular has already risen substantially. The proof stress · 0.2 therefore does not represent the yield stress, which is a measure of the stress at the start of plastic deformation. If · I , at which dislocation multiplication begins, is taken as the stress at the start of plastic deformation, its value for the UFG and FG materials is substantially larger than those derived by extension of the coarse-grain Hall-Petch relation. For the CG material, on the other hand, the measured value of · I is very close to · I = 0 MPa, and thus below the value given by the coarsegrain Hall-Petch relation. Though grain sizes larger than 5 µm were not investigated in the present study, they too may be expected to show a · I value very close to 0 MPa in view of the known tendency for coarser grains to yield more easily.
It is therefore reasonable to conclude that in pure aluminum, dislocation multiplication occurs even under slight stress loading for grain sizes down to approximately 5 µm, but is suddenly inhibited for grain sizes of less than this. For dislocation multiplication from a Frank-Read source within the grains, the stress · necessary for activation of that source is expressed as 23) ·
where M is Taylor's constant, ® is the shear modulus, b is the length of the Burgers vector, and L is the dislocation source , determined from the in-situ XRD measurements for the UFG and FG materials, respectively. This suggests that the small grain size in these two materials resulted in a dislocation source length for ready activation that was smaller, and a corresponding increase in the level of stress required for dislocation multiplication.
We may now ask what is represented by the conventionally reported Hall-Petch relation for coarse-grained aluminum. The term · 0.2 is defined as the stress at the time of 0.2% plastic deformation. For the CG material, the stress · I at the onset of dislocation multiplication is very close to 0 MPa and in that case · 0.2 = · 0.2 -· I . If we also plot the difference between the · I and · 0.2 values for the FG and UFG materials, as shown in Fig. 11 , we find that they are in fact very close to the values derived by extension of the Hall-Petch relation for coarse-grained aluminum. This clearly suggests what was conventionally investigated in the derivation of the HallPetch relation for coarse-grained aluminum was not the dependence of the 0.2% proof stress · 0.2 alone on the grain size, but rather the dependence of a combination of the 0.2% proof stress and the stress at the onset of dislocation multiplication, expressed as · 0.2 -· I .
Conclusions
In this investigation on changes in dislocation density during tensile deformation of UFG, FG, and CG materials with grain sizes of 260 nm, 960 nm, and 4.47 µm, respectively, the findings obtained by in-situ XRD measurement employing synchrotron radiation were as follows.
(1) The changes in dislocation density that accompany increasing strain proceed in four stages. The first comprises a region of elastic deformation with little or no change in dislocation density, the second a region of sharply rising dislocation density, and the third a region of moderate change in dislocation density. (2) The fourth stage comprises a region of sharply declining dislocation density accompanying test specimen fracture, with a substantially decrease in dislocation density in the UFG and FG materials. This decrease becomes larger with decreasing grain size. This clearly indicates that the dislocation substructure of FG materials during their deformation differs substantially to that subsequent to unloading, and that for UFG materials, in order to measure the changes in dislocation density during deformation, in-situ measurement is necessary. (3) In the CG material, the measured value of · I , which is the stress at the onset of dislocation multiplication, Fig. 11 Change in the 0.2% proof stress, · 0.2 , the stress · I and the difference between · 0.2 and · I with the grain size. · I is the stress at the transition point from the stage I to II. The dash line indicates the HallPetch relationship for coarse grained pure aluminums reported by N. Kamikawa. 8) was close to 0 MPa and little or no stage-1 elastic deformation was observed. In the FG and UFG materials, the measured · I values rose to 153 MPa and 220 MPa, respectively, thus showing that · I increases with decreasing grain size. The · I values for the latter two materials were well above those derived by extension of the Hall-Petch relation for coarse-grained aluminum. (4) The dislocation density μ II , which marks the transition from the second to the third stage, was found to vary inversely with the grain size, thus increasing with decreasing grain size. This tendency is presumably attributed to the required constant-speed plastic deformation in the second stage and a consequent rise in the dislocation density for attainment of μ II . (5) It was found that the difference between the value of · I , the stress at the onset of dislocation multiplication, and that of · 0.2 , the 0.2% proof stress, derived by extension of the Hall-Petch relation for coarse-grained aluminum. This clearly indicates that the conventionally reported Hall-Petch curve represents the dependence of · 0.2 -· I on grain size, rather than · 0.2 alone.
